Shear testing can contribute to a better understanding of the plastic deformation of Ni-base superalloy single crystals. In the present study, shear testing is discussed with special emphasis placed on its strengths and weaknesses. Key mechanical and microstructural results which were obtained for the high-temperature (T % 1000°C) and low-stress (s % 200 MPa) creep regime are briefly reviewed. New 3D stereo STEM images of dislocation substructures which form during shear creep deformation in this regime are presented. It is then shown which new aspects need to be considered when performing double shear creep testing at lower temperatures (T < 800°C) and higher stresses (s > 600 MPa). In this creep regime, the macroscopic crystallographic [11À2](111) shear system deforms significantly faster than the [01À1] (111) system. This represents direct mechanical evidence for a new planar fault nucleation scenario, which was recently suggested (Wu et al. in Acta Mater 144:642-655, 2018). The double shear creep specimen geometry inspired a micro-mechanical in-situ shear test specimen. Moreover, the in-situ SEM shear specimen can be FIB micro-machined from prior dendritic and interdendritic regions. Dendritic regions, which have a lower c¢ volume fraction, show a lower critical resolved shear stress.
I. INTRODUCTION
SINGLE crystalline Ni-base superalloys (SX) are used for first-stage blades of gas turbines which have to withstand mechanical loads up to very high temperatures. [1, 2] SX are heat-treated cast materials which represent technical single crystals, where the atoms of two phases occupy one common crystal lattice. [1, 2] After processing, the microstructure consists of ordered cuboidal c¢-particles (L1 2 -phase, volume fraction: % 75 pct, size: % 500 nm) which are separated by thin c-channels (fcc-phase, volume fraction: % 25 pct, channel width: % 100 nm). In addition to this small-scale heterogeneity (c/c¢-microstructure), one can distinguish between former dendritic (D) and interdendritic regions (ID), even after extended homogenization heat treatments (dendrite spacing: % 400 lm). [3, 4] Most mechanical and microstructural results on yield strength and on creep of single crystal superalloys are obtained using uniaxial testing. Much less emphasis has been placed on shear loading.
Shear loading is attractive for three reasons. From a mechanical point of view, it represents a simple case of multiaxial loading (maximum principle stresses: r 1 = À r 3 , r 2 = 0). Thus, it can provide benchmark data for mechanical modellng. Shear testing moreover allows to directly load specific slip systems. Last but not least, it helps to study the effect of multiaxial and non-homogeneous stress states on rafting, the directional coarsening of the c¢-phase under conditions of high-temperature and low-stress creep. The first part of this work takes a look at torsion and shear testing in general, and reviews and discusses some of the early work on SX shear testing. Then, we describe the double shear test technique which was developed by Mayr et al. [5] A brief overview of the results obtained with this technique throughout the past two decades is given. We show how this technique has been used to study dislocation mechanisms and how it has contributed to a better understanding of high-temperature plasticity and rafting. In the second part of this article, we present new research results from the low-temperature and highstress creep regime. It is shown how this technique can help to understand processes which govern the nucleation of planar faults in the low-temperature and high-stress creep regime. Finally, it is shown that the size of the shear specimen proposed by Mayr et al. [5] can be scaled down by a factor of 1000. The resulting micro-shear specimen can be used to perform in-situ SEM tests at room temperature, where one can differentiate between the mechanical properties of prior dendritic and interdendritic regions.
II. SHEAR TESTING OF SUPERALLOY SINGLE CRYSTALS
Shear strength of isotropic materials can be measured using shear and torsion tests which have been used in the materials and geo-science communities for a long time [e.g., References 6, 7] . Biaxial shear loading is often associated with torsion testing, where a cylindrical specimen is subjected to a torque parallel to its longitudinal axis. This forces the specimen to rotate. The twist which is caused in the specimen is known as torsion. For anisotropic Ni-base SX, torsion and tensile-torsion tests of thin-walled cylinders are useful as benchmark tests for macroscopic constitutive equations. [7] [8] [9] [10] [11] However, these tests can result in inhomogeneous stress and strain distributions, as was discussed in the literature for conditions of elastic [7] and elastoplastic material behavior. [8] [9] [10] [11] This is illustrated in Figure 1 . At position A of the thin-walled cylinder shown in Figure 1 , shear occurs on (100) planes in ± [010] directions. At position B (at a circular distance of p/4 from position A), planes of type (110) are subjected to shear in ± [À110] directions. Positions A and B differ in three respects. First, the elastic anisotropy of SX causes them to react differently to elastic loading. Second, different slip systems are activated during plastic deformation. Third, the spatial arrangement of the cuboidal c¢-particles differs. During creep, these effects combine and make it difficult to interpret torsion creep data. Direct shear loading simplifies the situation. Different approaches for shear loading have been proposed in the literature, Figure 2 . Figure 2(a) shows a simple shear test. [12] The test geometries shown in Figures 2(b) and (c) allow to create shear loading in tension and compression and were applied to SX. [13, 14] Figure 2 (d) shows a double shear test which was used to study creep of metals for a long time. [15] Figures 2(e) and (f) show how strong shear loading components can be and have been exploited in tensile loaded specimens.
[16] Double shear testing as schematically shown in Figure 2 (d) was the most commonly used technique, [15, [17] [18] [19] [20] probably because the symmetry of the specimen facilitates shear [12] (b) Funk and Blank. [13] (c) Raoult-Rogez. [14] (d) Schwartz et al. [15] (e) and (f) Touratier et al. [16] loading. Mayr et al. [5] applied double shear testing to superalloy single crystals. The difficulties encountered when designing a shear creep specimen are described in the following section.
III. SHEAR TESTING AND THE MAYR DOUBLE SHEAR SPECIMEN
When Mayr et al. [5] started to work on shear creep testing, their objective was to use the double shear creep test [15] to study creep of SX at temperatures above 1000°C. The technique should allow to directly load specific macroscopic crystallographic shear systems, like h1À10i{111} or h100i{010}. It turned out that there were five experimental constraints which needed to be satisfied: (1) The shear specimen geometry should be small enough to allow specimens to be taken out in all required crystallographic orientations from typical laboratory cast SX pieces (like plates with thicknesses or cylindrical rods with diameters of 20 mm). (2) The shear grips had to be designed together with the specimen. In uniaxial testing, the major parts of the tensile loading grips are located outside the hot zone of the furnace. In contrast, shear grips are fully exposed to the highest temperatures in the furnace and must not deform or fail. Stresses acting in the shear grips therefore have to be minimized. (3) The widths of the shear zones had to be large enough to allow for the accumulation of sufficient shear displacements, which could be transferred by rod in tube extensometry outside the furnace and easily measured. (4) The shear volumes should be large enough for taking out conventional 3-mm disk TEM samples from shear zone regions which deformed under a homogeneous shear stress state. (5) Superimposed bending, which cannot be avoided when applying shear loads, must be minimized. Mayr et al. [5] based their design on mechanical analysis but also had to go through an extended trial and error period (not highlighted in Reference 5) to find a best compromise in view of these conflicting requirements. The resulting specimen geometry is shown in Figure 3 (a). Shear specimens were machined using an iterative procedure involving orientation of the SX material in a Laue camera and spark erosion machining. The shear specimens can be oriented with an accuracy of ± 2 deg. Sufficiently strong shear grips are made from the oxide dispersion strengthened material PM3030 from Plansee. A photograph of the shear grips is shown in Figure 9 of Reference 5. The shear grip assembly was machined such that the central loading part of the specimen shown in Figure 3 is pushed up while the two outer loading wings are pushed down. Shear strains c were measured by dividing the shear displacement D by the width W of the shear zone:
Finite element (FEM) creep stress calculations were performed assuming isotropic material behavior and using a simple Norton creep law from the high-temperature and low-stress creep regime as a constitutive equation. [5, 21] These showed that under creep conditions, 80 pct of the shear volumes were under a reasonably homogeneous shear stress state. Only the upper and lower 10 pct of the shear volumes were affected by superimposed bending stresses. In these outer zones, normal tensile (highest parts of shear zones) and compressive (lowest part of shear zones) stresses act perpendicular to the direction of shear loading. The FEM creep stress calculations also showed that valid shear creep tests can be performed up to shear strains of c = 10 pct, from where on the rotation of the outer loading wings becomes significant and alters the shear stress and strain states.
IV. EARLY MICROSTRUCTURAL AND MECHANICAL RESULTS
Mayr et al. [5] worked on CMSX-6, [5] which was tested in the high-temperature (1025°C) low-stress (80 MPa) creep regime. They documented the test procedure and showed that their double shear creep test technique yielded reproducible shear creep data. They compared the creep behavior of two macroscopic shear systems, h1À10i{111} and h100i{010}. Their creep curves showed no incubation periods and exhibited pronounced primary creep regimes where creep rates decreased by more than two orders of magnitude. Then, a secondary creep regime followed, where constant creep rates were observed over extended strain intervals. This secondary creep regime was reached after 4 pct shear strain for h1À10i{111} loading where one slip system dominates in the early stages of creep (Schmid factors: one: 1.0, two: 0.67, four: 0.50, one: 0.33, four: 0.17). For the case of the macroscopic shear system h100i{010}, the secondary creep regime was observed earlier, after 2 pct shear strain (Schmid factors: eight: 0.41, four: 0.00). Most importantly, it was found that in the secondary creep regime, the macroscopic crystallographic shear system h100i{010} deformed by a factor of 10 slower than the h1À10ii{111} system. This presented clear proof for the fact that c-channels do not simply represent soft regions which easily deform when subjected to shear loading in a c-channel direction. While h1À10ii{111} shear creep loading promoted the dislocation family with the highest Schmid factor of 1 in the early stages of creep, other dislocation systems were also activated. It was not possible to activate single slip under conditions of high-temperature and low-stress creep. [22] At the time, macroscopic cube slip was considered as an elementary deformation mechanism which is required to rationalize creep data using crystal plasticity approaches [23, 24] and it was claimed to play an important role during yield stress anomaly of Ni 3 Al. [25] This motivated the SX shear creep work, but no evidence for macroscopic cube slip was found after h100i{010} shear creep testing of CMSX-6 at 1025°C and 80 MPa. Using conventional diffraction contrast transmission electron microscopy (TEM), a number of relevant microstructural observations were made after high-temperature and low-stress shear creep deformation. Thus, it was observed how dislocation networks form at c/c¢-interfaces. It was concluded that dislocations from different families need to enter the c-channels to form networks and that climb processes are required to form regular networks. [5, 22, 26] It was found that dislocation segments can move along c/ c¢-interfaces by a combined process of glide and climb. [26] The formation of grooves at c/c¢-interfaces was documented and associated with a change of local chemical potential linked to the presence of dislocation stress fields. [26] And it was also shown by diffraction contrast [27] and high-resolution TEM [28] that two c-channel dislocations with different Burgers vectors can combine and shear the c¢-phase, where they move by a combined motion of glide and climb. They form a superdislocation with an a 0 h100i Burgers vector. The vacancies which are needed/provided by one dislocation are supplied/absorbed by the other. [27, 28] It has been pointed out that this represents part of a dynamic recovery process which must occur when the material creeps. [27] [28] [29] It can be pointed out that this process has today been documented in different SX alloys (CMSX-6, [27, 28, 30] NASAIR 100, [29] CMSX-4 [31, 32] ). Double shear creep testing has provided the deformed material states which allowed making the observations that are briefly described in this section and which are schematically summarized in Figure 4 .
Most of these mechanisms have been or could have been identified in deformed material states after other types of thermomechanical treatments including uniaxial creep testing (e.g., formation of dislocation networks, [33] [34] [35] [36] [37] [38] [39] grooves and ledges at interfaces of c/ c¢-microstructures [40] [41] [42] [43] [44] or formation of h100i dislocations in the c¢-phase [45, 46] ). Shear creep testing still has advantages over uniaxial testing: One knows in which macroscopic crystallographic shear system plastic deformation takes place. The primary creep range extends over a large strain interval. Moreover, in the secondary creep regime, one obtains constant creep rates over large strain intervals. There were two microstructural results which could not have been easily obtained using uniaxial creep testing. Carrol et al. [47] showed that the measured creep rate in double shear samples following a load reversal is considerably higher than the initial forward creep rate. Carroll et al. [47] observed this for other materials too, but not to the extent seen in the Ni-base superalloy CMSX-4. A basis for this jump in reverse creep rate is grounded in the principle by which dislocations fill the c-channels in the early stages of creep.
As is schematically illustrated in Figure 5 (a), during forward creep, a leading screw segment glides through the c-channel, where it deposits sessile 60 deg dislocations in the c/c¢-interfaces. These are free to move away from the interfaces when the load is reversed, Figure 5 (b).
High-temperature low-stress shear creep experiments have also contributed to a better understanding of rafting. [48] First, it could be shown that, in a shear test which is performed in the macroscopic h100i{010} shear system, the microstructure sensitively reacts to the small superimposed tensile and compressive bending stresses in the outer parts of the shear zones. One can observe rafting perpendicular and parallel to the direction of macroscopic shear loading, as schematically indicated in Figure 5 (c) by small parallel black lines which indicate the direction of rafts. In the center of the shear zones of a h1À10i{111} shear test, one finds that rafts form at an angle of 45 deg to the direction of the applied shear load. In fact, during h1À10i{111} shear creep deformation, rafts form perpendicular to the direction of the maximum principal stress (shear loading: r 1 = À r 3 , r 2 = 0) as schematically illustrated in Figure 5 (d) (pairs of parallel black lines indicating the orientation of rafts in the major part of the shear zone). Serin et al. [49] compared double shear and tensile experiments at the same values of maximum principal stress. They found similar rafting kinetics and concluded that in the presence of a multiaxial stress state, the kinetics of rafting is governed by the maximum principal stress r 1 .
V. HIGH-TEMPERATURE AND LOW-STRESS SHEAR CREEP DATA
Kamaraj et al. [50] published a set of double shear creep data for CMSX-4 for the high-temperature low-stress creep regime. Double shear creep testing was performed at temperatures ranging from 950°C to 1100°C at shear stresses between 80 and 155 MPa. Four macroscopic crystallographic shear systems were considered, which are schematically illustrated in Figure 6 (a). Creep data which were recorded at 950°C and 1050°C are shown in Figure 6(b) , where the logarithm of shear rate is plotted as a function of shear strain. The tests performed at 1050°C fall in a narrow scatter band. The h01À1i{111} shear system (highest average of the absolute values of Schmid factors of 0.45) deforms fastest, while the h100i{010} system deforms slowest (lowest average of the absolute values of Schmid factors of 0.27). When the temperature is lowered to 950°C, the crystallographic scatter band widens. Again, the macroscopic h1À10i{111} system creeps fastest while the h100i{010} system deforms slowest. The data presented in Figure 6 (b) allow to conclude that in the high-temperature and low-stress creep regime, where climb processes are important, there is an influence of crystallographic loading direction on creep. This scales with the average value of the absolute Schmid factors of the 12 associated octahedral slip systems. However, the influence of crystallography is not very strong.
Kamaraj et al. [50] measured shear creep rates after accumulated strains of 3 pct and represented the data by a law of type:
where _ c 3 pct is the shear creep rate measured after 3 pct creep strain, c is a constant, s is the shear stress, n is the Norton stress exponent, Q app is the apparent activation energy of creep, and R and T are the gas constant and the absolute temperature. The corresponding Norton and Arrhenius plots of the four shear systems are plotted in Figures 6(c) and (d) . The slopes of the lines that limit the gray scatter fields in Figures 6(c) and (d) correspond to n and Q app values of 6 and 500 kJ/mole, respectively. These values lie inside the range of literature data which have recently been reviewed by Wollgramm et al. [51] The first research period of shear [22, 26] (b) Glide and climb movement of an ordinary a 0 /2 h110i{111} dislocation in c-channels along a c/c¢-interface. [26] (c) h100i dislocations in the c¢-phase formed from two ordinary c-channel dislocations (with different Burgers vectors) which move in a combined motion of glide and climb. [27, 28] (d) Dislocations form ledges and grooves at c/ c¢-interfaces. [26] creep testing ended with a short overview summary given in 2009, [52] which focused on the rafting aspects reported in the previous section.
VI. NEW RESULTS ON SHEAR TESTING OF NI-BASE SUPERALLOY SINGLE CRYSTALS
Recently, shear testing of Ni-base superalloys has received new attention. It is one of the key mechanical test techniques which are used by researchers from the collaborative research center SFB/TR 103 funded by the Deutsche Forschungsgemeinschaft.
[53] Most of the work is still ongoing but there are some new results on shear testing of single crystal superalloy, which are reported in this section.
A. Spatial Arrangement of Dislocation Substructures After Creep
Agudo Ja´come et al. [54] investigated the shear creep deformation of the single crystal superalloy LEK 94 in the macroscopic crystallographic shear system[01À1](011) at temperatures between 980°C and 1050°C and shear stresses between 50 and 140 MPa. They described the shape of the creep curves and determined a stress exponent and an apparent activation energy from secondary creep rate data as n = 6 and Q app = 466 kJ/mol. They suggested to modify the Larson-Miller parameter for comparing data from tests which were performed at different temperatures. They could confirm that uniaxial and shear creep testing in the high-temperature and low-stress creep regime are governed by similar dislocation processes. Most importantly, cutting of c¢-particles was observed and superdislocations with Burgers vectors of a220 and a200 were identified. Here, new 3D STEM images (anaglyphs) are presented. They were produced following the procedure outlined in Reference 55.
The micrographs were taken at a magnification that allows to appreciate dislocation activities in the c-channels and in the c¢-phase. Under the experimental conditions considered, the c¢-particles have already rafted. It is easy to distinguish the c¢-phase because it contains a lower number of dislocations. Dislocation networks are observed in the c-channels. The three 3D images show that, when the temperature is raised at a constant stress (comparison upper left and upper right image), the widths of the c-channels increase and dislocations seem to be able to move more easily. When, on the other hand, the stress is raised at this higher temperature (comparison upper right with lower right image), then the dislocation density in both phases increases. For a quantitative evaluation of the microstructural parameters of the material states shown in Figure 7 , see Reference 54.
B. Anisotropic Creep Stress Calculations
As has been pointed out in the section on shear specimen design, it is not possible to create a pure shear stress state. Bending always is superimposed, which needs to be minimized. Finite element creep stress analysis helps to describe the homogeneity of the shear stress state. In previous work, [5, 21] finite element creep stress and strain calculations were performed for the high-temperature and low-stress creep regime, where creep anisotropy is not very strong. A simple Norton type of creep law was used and isotropic material behavior was assumed. It is well known that crystallographic orientation has a much stronger effect on creep at lower temperatures and higher stresses [e.g., Reference 56]. Therefore, in the low-temperature high-stress regime, it is not sufficient to assume homogeneous material behavior and to ignore primary creep. Gao et al. [57] have recently developed an anisotropic constitutive model for creep of single crystal Ni-base superalloys in the low-temperature and high-stress creep regime. They used uniaxial creep data for the Ni-base single crystal superalloy ERBO 1C, [3] published by Wollgramm et al. [58] for h100i-, h110i-, and h111i-tensile directions, to tune the parameters of the coupled set of differential equations in their model. [57] For the present work, this model was implemented into a user-defined subroutine UMAT of the FEM software package ABAQUS 6.11. As can be seen in Figure 8 , a full double shear creep specimen is modeled using 3584 C3D8 elements (eight integration points per element), which are compatible with our UMAT and yield accurate results. Prior to the FEM calculations, the mesh size was refined until no more changes occurred. The resulting mesh size can be seen in Figure 8 . This Dislocations enter channels and deposit long interface dislocation segments. [47] (b) Dislocations from both c/c¢-interfaces from one c-channel approach each other on load reversal. [47] (c) Rafting reacts to superimposed bending stresses in the outer parts of the shear zones during h100i{010} shear testing. [48] (d) Rafts form at 45 deg to the shear loading direction during h1À10i{111} shear creep testing. [48] mesh size represents an excellent compromise between high accuracy and not too long computation time. As can be seen in Figure 8 , loading was performed by fixing the bottom part of the central loading grip and by applying a surface pressure load of 262 MPa on both top parts of the two outer loading wings (indicated as small black arrows P in Figure 8 ). During shear creep deformation, the top surfaces of the outer loading wings were forced to stay horizontal and were only allowed to move in negative z-direction. Loading was performed in two steps. First, the specimen was elastically loaded within 1 second. Then creep was allowed to start. A maximum time step duration of 100 seconds was fixed, but ABAQUS uses smaller time steps which it adjusts automatically using in-built convergence procedures. The simulations can be taken through to high strains; however, they were interrupted after 5 pct, where lattice rotations are negligible.
This type of loading results in a net section shear stress of 300 MPa in both shear zones, which is constant throughout the creep FEM simulation. Figure 9 shows the distribution of the shear stress denoted as S 13 in the specimen after 100 hours of shear creep loading. Figure 9 that, even when an anisotropic creep law is used to describe stresses and strains in the double shear creep specimen, the majority of the two shear volumes (80 pct) is under a homogeneous shear stress state close to 300 MPa. It can also be seen that the stresses which act in the outer loading wings and in the central loading part of the double shear creep specimen are low. The results presented in Figure 9 show that the shear stress distribution in the low-temperature and high-stress creep regime calculated with an anisotropic constitutive equation is similar to that, which is obtained when assuming isotropic material behavior and using a simple Norton law. [5, 21] This result appears reasonable because the stress relaxation/redistribution during the viscoplastic deformation rapidly homogenizes the stress field heterogeneities inherited at the end of the initial elastic loading. [3] from the low-temperature high-stress creep regime. The shear stress of 300 MPa was chosen in order to have similar loading conditions on the activated slip systems as during h100i tensile creep testing under 800 MPa (resolved shear stress: 326 MPa). Four creep curves are shown in Figure 9 , plotted as shear strain c vs time t. Two experiments were performed for the macroscopic crystallographic shear system [01À1](111). Another two shear tests were performed for the [11À2](111) macroscopic crystallographic shear system. The tests shown in Figure 10 were interrupted after 5 pct shear strain. Figure 10 shows that the shear tests yield reproducible results. Most importantly, the [11À2](111) shear specimens deform significantly faster than the [01À1](111) shear specimens. This seems surprising, because the average Schmid factor from the 12 octahedral slip systems in the macroscopic crystallographic shear system [01À1](111) is high (average value: 0.445). Moreover, this shear system has the most highly loaded microscopic crystallographic slip system with a Schmid factor of 1. The macroscopic shear system [11À2](111) has a lower average Schmid factor of 0.417. The two most highly loaded microscopic crystallographic slip systems have both Schmid factors of 0.87.
Recent TEM analysis and micro-mechanical modeling have shown that these two microscopic crystallographic slip systems must react in the c-channels in order to nucleate a h112i dislocation ribbon in the c¢-phase. [59] This reaction is promoted during [11À2](111) shear creep testing, where two partner dislocation families react and initiate the 1/3[11À2](111) planar slip in the c¢-phase with higher probability.
Two additional creep experiments (creep curves not shown) were performed under the creep conditions highlighted in Figure 10 (750°C, 300 MPa), one for each crystallographic shear system. The two tests were interrupted after 1 pct shear. The resulting material states were investigated using transmission electron microscopy (TEM). For this purpose, thin disks were cut out parallel to the shear planes. Thin electron transparent foils were prepared from these disks using double-jet thinning as described in Reference 59. The foils were positioned in a double-tilt TEM holder such that the holder axis was parallel to the shear directions. Scanning Transmission Electron Microscopy (STEM) was performed using a TEM of type JEM 2100 from Jeol. The corresponding two bright-field (BF) STEM micrographs, which were taken using a two-beam condition of g= (À1À11) are shown in Figure 11 . Figure 11(a) shows the dislocation substructure after 1 pct shear creep deformation of the [01À1](111) system. In Figure 11 (a), dislocation segments with Burgers vectors of type ½h01À1i are deposited at c/c¢-phase interfaces while no 1/3h11À2i cutting events are observed. In contrast, six (highlighted by white dots) are found in Figure 11 provide clear evidence for the fact that when the two dislocation families which are required to nucleate a h112i dislocation ribbon are driven by similarly high Schmid factors, then the corresponding shear system creeps faster because h112i ribbons form easier. The results presented in Figures 10 and 11 provide mechanical and microstructural proof for the importance of h112i cutting of the c¢-phase and contribute to a better understanding of low-temperature and high-stress creep of single crystal Ni-base superalloys. [58] [59] [60] Further TEM studies are required to confirm these observations by investigating larger TEM foil regions and by analyzing the dislocation substructures in detail.
D. In-situ SEM Micro-shear Testing of Single Crystal Ni-Base Superalloys
Finally, an attempt is made to investigate the Ni-base superalloy single crystal ERBO-1 [3] using in-situ h1À10i{111} SEM micro-shear testing. The objective is to explore whether the small differences in c¢-volume fractions between dendritic (D, lower: 72 pct) and interdendritic regions (ID, higher: 77 pct) reported earlier [3, 4] manifests itself in a difference in critical resolved shear stresses (CRSS) and whether large-scale microstructural heterogeneities manifest themselves during microshear testing. For this purpose, the micro double shear specimen shown in Figure 3 (b) was derived from the macro double shear creep specimen shown in Figure 3(a) . The shear zones of this in-situ micro-shear specimen are 1000 times smaller than in case of the original double shear creep specimen, Figure 3 . This micro-shear specimen geometry was successfully used to test annealed Au single crystals [61] and strain-hardened Cu single crystals. [62] An in-situ micro double shear SX specimen after focused ion beam micro-machining and prior to room temperature shear testing in the SEM is shown in Figure 12 (a).
The specimen is oriented for single slip, i.e., the shear plane and the loading direction are parallel to the (111)-plane and the [01À1]-direction, respectively. The c/c¢-microstructure is clearly visible (bright c-channels, darker c¢-particles). Figure 12(b) shows that the in-situ micro-shear test can indeed pick up the differences between regions with lower (dendritic regions) and higher c¢-volume fractions (interdendritic regions). The fact that a higher c¢-volume fraction yields a higher yield stress is in line with what one would expect. [63] The result that there are mechanical differences between dendritic and interdendritic regions is in line with previous results from Tromas et al., [64] who investigated a single crystal superalloy using nanoindentation. A statistical interpretation of their data showed that there are mechanical differences between dendritic and interdendritic regions. In their alloys of type MCNG, [65] the dendritic regions showed a higher hardness than the interdendritic regions. [62, 63] ). (b) Dendritic regions with lower c¢ volume fractions (72 pct [3, 4] ) show lower yield stresses than interdendritic regions with higher c¢ volume fractions (77 pct [3, 4] ). During in-situ h1À1À0i{111} micro-shear testing, one finds clear evidence for localized plastic deformation in the shear zones. Evidence is provided in the SEM micrograph of Figure 13 . It was found that the stress drops that can be seen in the shear stress vs shear strain curves of Figure 12 (b) are associated with sudden deformation events, which can either be the formation of a new shear band or a sudden strain burst in an existing shear band. Further work is required to study the in-situ micro-shear behavior of superalloy single crystals in more detail.
VII. SUMMARY AND CONCLUSIONS
The objective of the present work is to show that shear testing of Ni-base superalloy single crystals at high and low temperatures represents a fascinating alternative to conventional tensile testing. From the results reviewed and reported in the present work, the following conclusions can be drawn:
(1) The Mayr double shear specimen allows to record reproducible shear creep data from all relevant temperature/stress regimes (T: 750 to 1100°C, s: 50 to 400 MPa). It has been and it is being used to study dislocation processes which govern creep. It has also contributed to a better understanding of rafting under multiaxial stress states. (2) In the present work, stereo-transmission electron microscopy was used to produce 3D anaglyphs which allow the viewer to appreciate the spatial arrangement of creep dislocations in the c-phase and in the c¢-phase of a Ni-base single crystal superalloy. After macroscopic crystallographic [01À1](011) shear creep testing in the high-temperature and low-stress creep regime, one finds that dislocation densities increase at 1050°C with increasing stress and strain. (3) Anisotropic 3D finite element creep stress calculations based on a constitutive model which was calibrated using uniaxial creep data from the low-temperature high-stress creep regime show that the shear zones of the major parts of the two shear zones in the Mayr double shear creep specimen are under a homogeneous shear stress state. This was previously only demonstrated using FEM creep stress calculations based on a simple Norton law which rationalized secondary creep data from the high-temperature and lowstress creep and assuming isotropic material behavior. (4) In the low-temperature high-stress creep regime, the Mayr double shear creep test technique reveals a surprisingly strong crystallographic creep anisotropy, which strongly differs from the weak creep anisotropy which is observed at high temperatures and low stresses. The macroscopic crystallographic [11À2](111) shear system deforms significantly faster than the [01À1](111). This represents direct mechanical proof for the planar fault nucleation scenario which was proposed by Wu et al. [59] (5) Based on the Mayr double shear specimen design, a micro-mechanical specimen for in-situ SEM shear testing has been designed. All critical dimensions are a factor of 1000 smaller. Using this specimen, one can show that a prior dendritic region (with lower c¢ volume fraction of 72 pct) shows a lower critical resolved shear stress than a prior interdendritic region (c¢ volume fraction: 77 pct). During in-situ SEM shear deformation, one can directly observe the formation of localized shear bands in the two shear zones of the in-situ specimen.
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